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Directional transformation of a hypo-peritectic Fe–17.5 at.% Co alloy was studied. Two consecutive phase transformations—
solidiﬁcation (liquid to delta ferrite) and solid-state transformation (d ferrite to c austenite)—were observed and compared with theory.
In all experiments, the solidiﬁcation front was planar and in the steady-state, and therefore produced a homogeneous parent phase for
the following d–c transformation. Depending on the growth conditions, c transformed from d as cells or as a plane front. The cell tip
radius decreased with growth rate from V = 1–5 lm s1. At higher velocities, between 7 and 10 lm s1, the d/c interface morphology
became planar. In order to explain this morphological transition, volume diﬀusion-controlled plane front growth and dendrite growth
theory was applied. Good agreement was obtained between theory and experiments. It is concluded that plane front stabilization with
increasing velocity is due to absolute stability, with a concentration spike at the transformation front. In the steady-state, this leads to
composition invariance, typical for massive transformation. Computed interface velocities for quenching in heat treatment, which can be
as high as several centimeters per second, show that, in certain cases, the controlling mechanism of massive transformation is steady-state
plane front growth with a narrow concentration spike and not complete solute trapping.
 2010 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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Solid-state transformations are very important in mate-
rial processing as, in combination with solidiﬁcation, they
largely determine the properties of the ﬁnal product.
Understanding the mechanisms of these transformations
is therefore important. One such phase change is the mas-
sive transformation characterized by a composition invari-
ant change in the crystal structure with a highly mobile
interface. Much work has been published in this area,
mostly using isothermal or continuous cooling experiments
[1,2]. The high displacement rates of this transformation
(typically millimeters per second to centimeters per second)
make experiments diﬃcult to interpret, owing to the uncer-
tainty in the interface temperature associated with the
latent heat release [2]. Directional growth experiments are
more interesting, as the interface velocity V and tempera-1359-6454/$36.00  2010 Acta Materialia Inc. Published by Elsevier Ltd. All
doi:10.1016/j.actamat.2010.11.038
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Ti measured. Borgenstam and Hillert [3] and Zurob et al.
[4], used directional growth experiments in a concentration
gradient which allowed them to quantify the c–a transfor-
mation in Fe–Ni and Fe–C–Mn.
Vandyousseﬁ et al. [5] and Kurz and Lima [6,7] used
directional growth in a temperature gradient (Bridgman
technique) to study the dc transformation in Fe–Ni and
Fe–Cr, respectively. In Fig. 1, the diﬀerences between iso-
thermal and directional growth experiments are presented,
with the aim of showing the advantage of studying solid-
state transformations in a temperature gradient. Fig. 1a
represents a schematic drawing of a massive transforma-
tion product forming from a grain boundary in the center
outwards. In this case, the growth direction and the heat
ﬂux point in the same direction. At the interface, the rejec-
tion of solute and heat sets the interface temperature,
which cannot be measured owing to the small boundary
layers. On the other side, a directional growth experiment
is characterized by a unidirectional temperature ﬁeld withrights reserved.
(a) (b)
Fig. 1. Solid-state transformation conditions: (a) isothermal transformation with nucleation in the undercooled bulk and outwards growth of the new
(dark) phase as a function of the undercooling DT; the rejection of solute and heat deﬁnes the interface temperature Ti, which cannot be measured; (b)
directional transformation with nucleation at the cold outer surface; interface velocity V, temperature gradient G and Ti can be measured.
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moves here opposite to the heat ﬂux, and its velocity can
be set to speciﬁc values which are only limited by the con-
dition of unidirectional heat ﬂux. Owing to this conﬁgura-
tion, the interface velocity, the temperature gradient and
the interface temperature can be easily measured. From
this brief presentation of the two techniques, it should
become clear that directional growth experiments have a
potential for future solid-state transformation studies.
Fe alloys, which form the basis of the industrially
important steels, show a rich variety of solid-state transfor-
mations on cooling. This is also the case for peritectic Fe–
Co alloys. On the iron-rich side of this system, bcc d-ferrite
(ahigh T) solidiﬁes on cooling and transforms subsequently
to fcc c-austenite, which in turn transforms back to
a-ferrite. The ca transformation process is aﬀected by
the microstructure of austenite formed during the d–c
transformation. Very little information is available on the
latter transformation. This is attributed to the fact that
the growth behavior of c is not easy to observe, since it
occurs close to the solidus temperature of the alloy, and
the microstructure of the dc transformation is masked
by the consecutive ca transformation at lower tempera-
ture. Furthermore, owing to the small concentration diﬀer-
ence between the phases, metallographic evidence of the
transformation product is very diﬃcult to obtain.
Vandyousseﬁ et al. [5] observed cellular interface mor-
phologies of various shapes and scales in directionally
transformed Fe–3%Ni alloys. According to their ﬁndings,
the cell spacing decreased when the velocity was increased
from 5 to 25 lm s1. At 30 lm s1, it coarsened and showed
the typical form of low-amplitude interface deformations.
At velocities >40 lm s1, signs of a transformation frontcould no longer be detected. It was argued that the bound-
ary layer at the moving interface was too thin, and the con-
centration spike too small to become visible in the
metallographic etching. Kurz and Lima [6,7] observed sim-
ilar morphological transitions in Fe–8%Cr. In both cases
(Fe–Ni and Fe–Cr), the variation in the dendrite/cell spac-
ing k was compared with theoretical predictions of the
Ivantsov–Marginal stability (I–MS) model [8,9], and it
was concluded that the observations could be explained
by the well-known growth theory of dendrites, cells and
plane front [10]. The disappearance of the transformation
microstructure at high velocity was explained by the con-
cept of absolute stability [11].
At absolute stability, the solute diﬀusion ﬁeld at the
interface becomes localized with respect to the instability
wavelength k. Eﬀects of large solute Pe´clet number (ratio
of diﬀusion coeﬃcient to interface velocity D/V k) and
capillarity dominate, leading to a morphologically stable
planar transformation front. (Oscillatory instabilities,
which do not form in alloys with very small solidus–
liquidus intervals, are neglected here [12].) When the trans-
formation produces a plane front in steady-state, the
parent phase and the product phase have the same
composition.
As the critical velocity required for absolute stability Vab
is proportional to the solute diﬀusion coeﬃcient, the typical
velocity for absolute stability in solidiﬁcation is very high
and very diﬃcult to produce [13–15]. An absolutely stable
planar growth front has, to the knowledge of the authors,
never been shown very clearly, either in solidiﬁcation or in
solid-state transformation experiments. In solid-state trans-
formations, the limit of absolute stability is orders of mag-
nitude smaller and can be easily reached.
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visible evidence of an absolutely stable (planar) interface in
solid-state transformation; (ii) to analyze the solid-state
transformation microstructures with the aid of solidiﬁca-
tion models; and (iii) answer the question of whether a
massive transformation can be formed by steady-state
plane front growth with a composition spike rather than
by complete solute trapping (complete loss of local
equilibrium).
The latter mechanism was proposed by Hillert in 1969
[21], but it seems that no clear evidence has been given so
far. The present study is based on a series of directional
transformation experiments using a Fe–Co alloy. The
results are analyzed using solidiﬁcation theory.
2. Experimental
The dc transformation in hypo-peritectic Fe–17.7 at.%
Co was selected for this study because of its high solvus
temperature (Fig. 2a [16]), which is associated with high
interface mobility and fast diﬀusion. The composition
was chosen to be close to the maximum solubility of d with
both transformation fronts (solidiﬁcation and solid-state
transformation) close to each other. As shown in Fig. 2b,
the concentration spikes for both transformations are(a)
(b)
Fig. 2. (a) Phase diagram of Fe–Co system in the Fe-rich high-temperature re
boundary layers are opposite to each other, owing to the diﬀerent distributionopposite to each other owing to the diﬀerent distribution
coeﬃcients of the peritectic phase diagram.
The vacuum-cast specimens with length 140–200 mm
were placed in alumina tubes 6 mm in inner diameter. At
ﬁrst, the samples were lowered through a Bridgman appa-
ratus (Tmax = 1670 C) at a rate of 2 mm s1 until 30 mm
of the crucible were in the liquid metal cooler (In–Ga–Sn
alloy at room temperature). After temperature stabilization
of the specimen, the velocity was set to the chosen values in
the range where absolute stability was expected, i.e.,
1 6 V 6 10 lm s1. At the end of the experiment, the spec-
imen was dropped into the liquid metal bath for quenching
to reveal the growth morphology. The growth length of the
specimen 25 < Lg < 55 mm was longer than the initial tran-
sient for solidiﬁcation (see below). The temperature gradi-
ent was measured in a previous experiment with an Fe–
4 at.% Ni alloy with similar properties, transformation
temperatures and growth rates [17]. The weighted temper-
ature gradient at the growth front was found to be
18 K mm1.
The specimens were cut longitudinally along the cylinder
axis and prepared for microscopic examination. Oberhof-
fer’s etch was used to reveal the microstructure. The compo-
sitions of the specimens were determined by an electron
probe micro-analyzer (EPMA) with a wavelength dispersivegion. (b) Steady-state solute pile up at planar L/d and d/c interfaces. The
coeﬃcients (kd < 1, kc > 1).
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region, and the mean value was calculated. Calibration
was obtained with pure Fe and Co.
3. Results
Figs. 3 and 4 show micrographs of the L/d interface and
the d/c front. The longitudinal sections show that the d/c
interface morphology varies with increasing V, from coarse
deep cells at V = 1 lm s1 (Fig. 3a) to ﬁner low-amplitude
cells at V = 5 lm s1 (Fig. 3c), to ﬂat cells at V = 7 lm s1
(Fig. 4a) and ﬁnally to a plane front at V = 10 lm s1
(Fig. 4b). The transverse sections show weakly segregating
hexagonal cells at 1 lm s1 (Fig. 3b) and platelike cells
arranged along rows at 5 lm s1 (Fig. 3d). The microsegre-Fig. 3. Micrographs of longitudinal and transverse sections close to the L/d
shallow cells at V = 5 lm s1.gation of the ﬂat cells at V = 7 lm s1 (Fig. 4a) was so
weak that no trace of microstructure could be found in
the transverse section. The cell spacings were determined
from transverse sections at 1 and 5 lm s1 (Table 1,
Fig. 5). The amplitude e of the cells was measured from
longitudinal sections (Fig. 5).
Composition proﬁles across the d/c interfaces parallel to
the growth direction at the center of the samples and along
the center of a cell for V = 1 and 10 lm s1 were obtained
by EPMA in 10-lm steps (Fig. 6). At 1 lm s1, the compo-
sition of the c cells is slightly higher than that of d and a
35-lm-thick boundary layer can be seen. The composi-
tion of the plane front c at V = 10 lm s1 is the same on
both sides of the transformation front. No concentration
spike was detected at the higher rate.and d/c interfaces showing (a and b) coarse cells at V = 1 and (c and d)
Planar δ solidif. 
Planar δ solidif. 
Planar δ−γ transf. Flat γ cells 
(a) (b)
Fig. 4. Micrographs of longitudinal sections close to the L/d and d/c interfaces showing: (a) very ﬂat cells atV = 7 and (b) the plane front atV = 10 lm s1.
Table 1
Characteristic data for solid-state transformation structures (Lg: growth length).
V
(lm s1)
Lg (mm) Co = Cd
(at.%)









1 25 17.52 17.55 95 120 107 104 Deep cells 3a and b
5 29 n.d. n.d. 55/82 63/109 59/95
77
17 Shallow cells of rectangular
section
3c and d
7 38 n.d. n.d. n.d. n.d. n.d. 5 Flat cells 4a
10 55 17.45 17.45 1 1 1 0 Plane front 4b
Fig. 5. Experimental cell tip spacing k and amplitude e vs V for d/c
transformation (interrupted curves). Cell tip radii (R) were obtained with
the I–MS model [10,18] (continuous curve).
Fig. 6. Composition distribution across the d/c interface along the growth
direction in the center of the specimen for: (a) V = 1 lm s1 and (b)
V = 10 lm s1. Dotted vertical lines represent phase boundaries from
micrographs. Owing to a lack of spatial resolution of the microprobe, the
boundary layer in (b) is not visible.
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4.1. Solidiﬁcation
The experimental conditions were chosen such as to
ensure plane front solidiﬁcation below constitutional super-
cooling VcsV cs ¼ GD=DT o ð1Þ
where G is the temperature gradient at the interface,D is the
solute diﬀusion coeﬃcient in liquid, DTo is the equilibrium
Fig. 7. Calculated temperature of the L/d and d/c interface as a function
of the growth velocity in directional transformation of Fe–17.5 at.% Co.
The thin lines correspond to the liquidus, solidus and solvus temperatures
corrected for the eﬀect of solute trapping and atom attachment kinetics.
The thick curves represent the interface temperature Ti. Vcs and Vab are
the constitutional supercoooling limit for planar growth and the critical
velocity for absolute stability, respectively. The interrupted vertical lines
indicate the velocities studied.
A. Jacot et al. / Acta Materialia 59 (2011) 1716–1724 1721liquidus-solidus temperature interval. Using the properties
in Table 2, the limit of constitutional undercooling for solid-
iﬁcation of d is obtained as Vcs = 24.6 lm s
1. This is con-
sistent with the observation of d plane front growth in all
specimens. Steady-state plane front solidiﬁcation leads to
a homogeneous solid, which is a microstructure-free sub-
strate for subsequent transformation. The concentration
measurements (Fig. 6) show that solidiﬁcation of the speci-
men at 1 lm s1 forms d with 17.52 at.% Co.
Microstructure selection for solidiﬁcation may be dis-
cussed with the aid of the concept of the interface response
(IR) [10,18]. This model allows calculation of the solidiﬁca-
tion front temperature as a function of the interface veloc-
ity for diﬀerent growth morphologies (Fig. 7, upper solid
curve): At a low velocity and steady-state, the S/L interface
grows with planar morphology at the solidus temperature
Ts. Beyond the limit of constitutional undercooling Vcs
the interface becomes cellular, and the interface tempera-
ture rises with V according to Ti = Tl  GD/V [19,20]).
The temperature and radius of the dendrite tip in the med-
ium velocity range can be calculated with the I–MS model
[8,9]. The tip temperature decreases with increasing V [18].
The dendrites become ﬁner with velocity and then turn into
cells. Finally, above the critical velocity Vab, where the dif-
fusion at the interface becomes strongly localized, plane
front growth reappears [11]. This phenomenon is called
absolute stability. Vab for solidiﬁcation corresponds
approximately to the high V minimum of the upper Ti
curve in Fig. 7 and can be expressed as:
V ab ¼ DDT o=kC ð2Þ
where k is the distribution coeﬃcient, and C is the
Gibbs Thomson coeﬃcient [9]. If DTo is large, an oscilla-
tory instability of the plane front appears at Vab. In systems
with small DTo values and large G values, dendrites do not
develop, and oscillatory instabilities are not formed. This is
the case in the present alloy with small DTo.
In rapid solidiﬁcation of the order of meters per second,
local equilibrium is lost and, owing to solute trapping, the
solidus (=IR of the plane front in steady-state) rises and
approaches To, the temperature of equal free enthalpies.
Finally, the atom attachment eﬀect takes over at very high
velocities and makes the interface temperature drop. ThisTable 2
Parameters used for the calculations of the L/d and d/c interface response
in Fe–17.5 at.% Co.
Parameter L? d d? c
Tl, Td (K) 1809.30 1690.10
mL, md (K/at.%) 1.81 4.74
k 0.9077 1.023
C0 (at.%) 17.5 17.5
D (m2 s1) 4.4  10–9 1.65  10–11
C (K m) 2  10–7 3.21  10–6




1 K1) 8 1.124
G (K m1) 1.8  104 1.8  104leads to the characteristic shape of the IR with two max-
ima, as shown in Fig. 7. Details of this model may be found
elsewhere [5,18].
4.2. Solid-state transformation
This theoretical approach developed for solidiﬁcation
microstructure selection [10] may also be applied to solid-
state transformations if the interface is suﬃciently mobile
(incoherent) and stress eﬀects are small [5,7]. At the very
high temperatures of the present phase transformation,
both conditions seem to be fulﬁlled. Furthermore, the dif-
fusion coeﬃcient of Co in d is 24 times larger than in c,
and therefore volume diﬀusion in the parent phase is the
controlling transport process, as is the case in solidiﬁcation.
Isotropic diﬀusion behavior of the parent d phase is
assumed. With this in mind, steady-state solidiﬁcation the-
ory is applied to the dc solid-state transformation.
A composition invariant product phase can be obtained
without solute trapping by steady-state plane front trans-
formation [21]. The steady-state is established after an ini-
tial transient, the typical length Li of which can be
estimated [9]
Li ¼ 4D=Vk ð3Þ
with D the solute diﬀusion coeﬃcient in the parent phase.
Table 3 shows the relevant values for this study, i.e., for
slow directional solid-state transformation, for slow solid-
iﬁcation and for a typical massive transformation rate dur-
ing quenching. It is interesting to see that, in heat treatment
and with an interface rate of 1 mm s1, a steady-state is ob-
tained over the extremely short distance of 65 nm. For the
growth of a 10-lm-thick layer of massive phase, the time
Table 3







V (m s1) 1  10–6 1  10–6 1  10–3
D (m2 s1) 1.65  10–11 4.4  10–9 1.65  10–11
Li (m) 65  10–6 19  10–3 65  10–9
D/V (m) 16.5  10–6 4.4  10–3 16.5  10–9
1722 A. Jacot et al. / Acta Materialia 59 (2011) 1716–1724required under these conditions is 10 ms. Table 3 indicates
that in these experiments a steady-state was achieved under
all conditions.
The IR for the solid-state d/c transformation is also
given in Fig. 7 using the material properties from Table 2
(lower solid curve). This IR (Ti curve) has a form similar
to that in solidiﬁcation, also showing two maxima. The
limit of constitutional supercooling Vcs and absolute stabil-
ity Vab are calculated to be 0.16 lm s
1 and 9.2 lm s1,
respectively. The growth velocities used in the experiments
for the solid-state transformation are also indicated in
Fig. 7. Owing to the extremely narrow two-phase range
of the alloy, c develops no dendrites (only cells), and band-
ing does not occur. At 1 lm s1, the d-phase with
C = 17.52 at.% Co transforms into cellular c with a com-
position of 17.55 at.% (Fig. 6a). The slightly higher concen-
tration of the cell centers is expected as their interface
temperature is above Tc (Fig. 7). The experimental bound-
ary layer thickness from Fig. 6a is 35 lm, which compares
well with the calculated value of 2D/V = 33 lm (Table 3).
The I–MS model was also used to calculate the dendrite/
cell tip radius. In Fig. 5, the calculated tip radii R (contin-
uous line) are superimposed onto the measured spacings k,
and show a similar tendency. As shown in Fig. 4, ﬂat cells
are observed at 7 lm s1, while the plane front c was
clearly seen at 10 lm s1. Therefore, the experimentallyFig. 8. (a) d/c Interface temperature and (b) Phase diagram and concentratio
leading to massive transformation. A concentration spike at local equilibrium
Even at a maximum velocity of centimeters per second only partial solute trapp
takes place. The latter velocity, however, might be too high for solid-state tradetermined Vab value is between these two growth rates.
This result agrees well with the calculated value of
Vab = 9.2 lm s
1. This observation supports the conclu-
sion that the planar d/c solid-state transformation interface
has reached absolute stability beyond this velocity.
The D/V value for V = 10 lm s1 is so thin (1.65 lm)
that a spike cannot be detected with the EPMA technique.
From the theoretical model, however, it is concluded that a
spike exists and that composition invariance is obtained
through steady-state plane front growth.
Fig. 8 shows the evolution of the interface temperature
(Fig. 8a) and the interface compositions (Fig. 8b) as a func-
tion of velocity. Just beyond Vab, the plane front grows at
Tc under conditions which are close to local equilibrium
(A). At a higher rate, the interface temperature rises (B)
and reaches a maximum which corresponds to a combined
eﬀect of solute trapping and attachment kinetics. Further
acceleration lowers the interface temperature owing to
attachment kinetics (C). In this case, there is also substan-
tial solute trapping. Only at a very high growth rate of sev-
eral 10 cm per second is the condition of complete solute
trapping achieved (D). One sees that the interface temper-
ature Ti evolves from Tc, rises to but never reaches To
before it falls below Tc.
Heat ﬂow calculations were performed in order to eval-
uate the typical interface velocity that can be expected dur-n proﬁles in front of the interface for four diﬀerent velocities (A–D), all
is formed in front of the interface when absolute stability is reached at A.
ing is predicted, while at point D at V = 1 m s1 complete solute trapping
nsformations.
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calculations were based on the resolution of the heat con-
servation equation in a one-dimensional domain divided
into two regions corresponding to c and d. A very thin
layer of d was initiated at the left border of the domain
at the beginning of the calculation. A heat transfer coeﬃ-
cient was applied on the left border, whereas a zero-ﬂux
boundary condition was used at the right extremity (sym-
metry plane). The position of the d/c interface was updated
at every time-step, using the interface response of Fig. 7
evaluated for the local temperature.
Fig. 9 shows the thermal gradient and the interface
velocity as a function of the position of the interface x*,
obtained for a 2-mm-thick steel plate and two diﬀerent val-
ues of the heat transfer coeﬃcient h. With h =
200 W (m2 K)1 (Fig. 9a), the interface velocity is of the
order of 1.5 mm s1. The ﬁrst increase is associated with
the transient regime for the interface to reach the underco-
oling corresponding to the local isotherm velocity. Then,
the interface follows the isotherms, which move more(a)
(b)
Fig. 9. Interface velocities and temperature gradients as a function of
distance for a 2-mm-thick steel plate calculated with a 1-dimensional heat
ﬂow model. Two extreme heat transfer coeﬃcients of quenching (a) For
air, h = 200 W (m2 K)1, and (b) For brine, h = 5000 W (m2 K)1, were
used.slowly deeper in the plate. In the case of the higher heat
transfer coeﬃcient of 5000 W (m2 K)1 (Fig. 9b), the tran-
sient regime is much shorter due to steeper thermal gradi-
ents and the interface velocity is more than 10 times
higher than that for the lower value, i.e., the interface
moves at 1–2.5 cm s1.
In Fig. 10, these velocities are superimposed onto the IR
curve of the solid-state transformation of Fig. 7. This ﬁgure
clearly indicates that massive transformation under practi-
cal conditions of heat treatment and quenching may hap-
pen through steady-state plane front growth with only
limited solute trapping. As this ﬁgure shows, a heat transfer
coeﬃcient of 200 W (m2 K)1 produces transformation
rates which are close to local equilibrium. Transformations
with a high heat transfer take place in-between local equi-
librium and complete solute trapping. In these cases, it is
the non-equilibrium solvus which forms the reference tem-
perature for the transformation.
These calculations were performed assuming the inter-
face velocity to be equal to that of the isotherms. The inter-
face velocity may in reality be higher if repeated nucleation
events are required to propagate the massive microstructure
deeper in the material (equiaxed transformation). In the Fe–
Co system, the interface velocity must, however, be
>10 cm s1 to reach the regime of complete solute trapping.
5. Conclusion
In analogy to standard Bridgman-type directional solid-
iﬁcation, directional dc solid-state transformation exper-
iments have been undertaken in Fe–Co alloy. Directional
growth experiments, although seldom used, are very useful
for examining solid-state transformation phenomena.
Good control of the interface rate and the temperature gra-
dient, and the quantitative measurement of the interface
temperature are the main advantages of this technique.
With increasing growth rate in the range 1–10 lm s1,
transition from a cellular to a planar interface structure
was observed in Fe–17.5 at.% Co. Volume diﬀusion-con-
trolled I–MS theory was applied for the interpretation of
the microstructures observed in the solid state close to
the melting point. It is concluded that plane front stabiliza-
tion is the result of absolute stability, a phenomenon which
was predicted theoretically by Mullins and Sekerka in 1964
[11]. To the knowledge of the authors, it is the ﬁrst time
that a quenched absolutely stable plane front has been
shown experimentally.
Owing to the small diﬀusion coeﬃcients in solids, high-
velocity phenomena such as absolute stability which have
met substantial experimental diﬃculties in liquid–solid
transformations may be favorably investigated in the solid
state.
In the steady-state, plane front growth produces a com-
position-invariant crystal with a narrow concentration
spike at the moving boundary. A massive transformation
product may therefore form with no or partial solute trap-
ping. In this case, the non-equilibrium solvus and not To is
Fig. 10. Superposition of the range of interface velocities during quenching (from Fig. 9) onto the interface response (interface temperature vs velocity)
curve for d/c transformation (lower solid curve of Fig. 7). For quenching in brine (h = 5000 W (m2 K)1), a massive transformation is predicted to take
place at velocities which are far from complete solute trapping. Therefore, a thin concentration spike accompanies this transformation.
1724 A. Jacot et al. / Acta Materialia 59 (2011) 1716–1724the relevant reference temperature. This is even true for the
case of quenched specimens, where interface displacement
rates can reach several centimeters per second. Much
higher velocities are needed to reach complete solute trap-
ping. This conclusion does not necessarily apply to systems
exhibiting a massive transformation at lower temperatures.
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